JOURNAL OF MATERIALS SCIENCE 23 (1988) 415-421

Molecular topology in ethylene copolymers
studied by means of mechanical testing
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The molecular topology of melt-crystallized ethylene-1-butene copolymers has been investi-
gated by means of mechanical testing with the aid of suitable models. The number of regular
folds between two consecutive interlamellar tie molecules has been estimated by means of a
theoretical relationship of the tensile modulus as a function of temperature. In addition, the
molecular weight between entanglements of the copolymers has been determined from an
analysis of the post-yield strain-hardening, assuming an ideal network behaviour. It has been
shown that the regular folded chain macroconformation turns gradually into a fringed micellar
macroconformation as the co-unit concentration increases. The entanglement density increases
in parallel. These results confirm the conclusion of a previous work stating that the rejection of
the co-units within the amorphous phase disturbs the basic chain folding mechanism of crys-
tallization and hampers the "‘reeling-in”” motion of the chains from the melt on to the growth
surfaces. Criticisms of the models have been developed taking into account some inconsistent

aspects with regard to the experimental data.

1. Introduction

Since the discovery of the chain-folded structure of
polymer crystals, the topological characterization of
the crystal surface constituted by the chain folds has
been a matter of deep controversy [1]. Some authors
claim that the chains fold back regularly with pre-
dominant adjacent re-entry, while other authors argue
for a disordered surface made up of irregular folds
having random re-entry. An additional point of dispute
connected with the mechanism of regular folding has
occurred about the existence of the “recling-in” motion
of the chains and the accompanying disentanglement
effect during the course of crystallization.

Nevertheless, it has been pointed out by Wunderlich
[2] and Mandelkern [3] that defects in the molecular
structure such as co-units, branches or stereoirregu-
larities are liable to increase the disorder in the crystal
surface. We have already assented to this hypothesis
in a study dealing with the drawing behaviour of
ethylene—1-butene copolymers [4]. Indeed, we have
shown that the co-unit concentration controls the
strain-hardening effect together with the maximum
achievable draw ratio. This phenomenon has been
interpreted in terms of topological modifications of
the molecular network related to the pseudo-eutectic
nature of ethylene—1-butene copolymers, i.e. the
propensity for rejection of the co-units within the
amorphous phase which disturbs the regular chain
folding and increases the disorder in the crystal
surface.

We report here an endeavour at quantitative inves-
tigation of the chain topology in the copolymers
previously studied, by means of mechanical testing.
The basis of this approach relies on the generally
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admitted proposal that the chain topology has an
overriding effect on the mechanical properties [3, 5].
From tensile modulus measurements as a function of
temperature, we have been able to characterize the
chain-folded structure of the amorphous intercrystal-
line layer thanks to the model of Krigbaum ez al. [6]
which involves a molecular parameter in the theoretical
treatment of the modulus of semi-crystalline polymers.
The parameter in question is defined as the chain
length between two consecutive nucleation sites from
which crystallization proceeds by chain folding. On
the other hand, the approach of Mills er al. [7] for the
post-yield behaviour of semi-crystalline polymers
provided us with a means to evaluate the molecular
weight between entanglements of the copolymers. The
basic assumption of this over-simplified model is that
the strain-hardening which takes place after necking
results mainly from the extension of a molecular net-
work and can be thus treated in the framework of
rubber elasticity theory.

2. Materials and experimental methods
The polymers studied are ethylene—1-butene copoly-
mers having very similar molecular weights and con-
taining various concentrations of 1-butene co-units.
The molecular and physical characteristics of the
copolymers are listed in Table T (see Seguela and
Rietsch [4] for more details).

The polymers were compression-moulded into
sheets at 190° C and allowed to relax in the press in the
molten state for a period of 10 min before cooling at
about 50°Cmin~'.

Density and calorimetric data were obtained
according to the procedures described elsewhere [8].
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TABLE I Molecular and physical characteristics of the polymers studied

Sample M, x 1073 M, x 1073 Co-unit content Density Crystal weight-fraction from
(mol %) (gem™?) differential scanning calorimetry

PE-1 135 15 Virtually nil 0.960 0.73

PE-2 157 30 0.6 0.950 0.66

PE-3 178 19 1.1 0.943 0.62

PE-4 136 31 2.5 0.930 0.53

PE-5 140 29 5 0.919 0.43

Dynamic mechanical measurements were carried
out on a Toyo Baldwin Rheovibron DDVIIB operated
at a frequency of 3.5Hz. The samples tested were
about 2.5mm wide, 0.25mm thick and 40mm in
gauge length. The temperature range [—50 to
+140°C] was scanned at a heating rate of about
1°Cmin~". Corrections of the experimental data
allow for the apparatus compliance and sample shear-
ing within the grips were performed as a function of
temperature, according to the method of the infinitely
short sample suggested by the apparatus manufacturer
[9].

Drawing experiments were carried out at a cross-
head speed of 50 mm min ! in an Instron tensile test-
ing machine provided with an environmental chamber.
Dumbbell-shaped samples with 16 mm and 4mm
gauge length and width, respectively, were cut out
from sheets about 1.7 mm thick.

A small-angle X-ray scattering (SAXS) study was
performed in the photographic mode, using a Luz-
zati—Baro camera equipped with two pinhole collima-
tors 0.5 and 0.3 mm in diameter. The second collima-
tor, the sample and the film were placed at 360, 370
and 780mm from the first collimator, respectively.
The CuKe radiation was filtered with nickel foil from
the emission of a Siemens X-ray tube operated at
40kV and 20mA. Exposure times of 24h were used
for 0.25mm thick samples.

3. Results and discussion
3.1. Chain macroconformation related to the
crystallization
The theoretical treatment of the tensile modulus of
semi-crystalline polymers developed by Krigbaum
et al. [6] can be used for studying the chain folding
structure since it involves a molecular parameter
directly connected with the crystallization mechanism.
Fig. 1 depicts the crystallization of a chain portion
after deposition of the chain on to the growth surfaces
of two Jlamellar crystals. The basic parameter N of the
model is defined as the contour length of the chain
portion between the two nucleation sites, expressed as
a number of statistical segments. Each nucleation
event gives rise to an intercrystalline tie-chain while
the chain portion between the points of initial anchor-
ing is assumed to undergo a chain-folded crystalliz-
ation.

The mechanical model is based on the assumption
that most of the deformation is accommodated within
the amorphous phase, the crystallites acting only as
physical crosslinks. In addition, the specific behaviour
of the amorphous phase is analysed in the framework
of the Langevin statistical treatment of rubber elasti-
city, since the crystallization advancement is expected
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to bring the mechanically active tie-chains to a highly
strained state which is characterized by the parameter
f according to the relation

B = LN — o) 1)

where o is the crystal weight-fraction in the sample.

The parameter § can also be derived from thermo-
dynamic considerations, leading to the following tem-
perature dependency [10]:

sinh AH; (1 1
poC R\ T

where T} is the final melting temperature of the poly-
mer and A H; the melting enthalpy per mole of statisti-
cal segment.

In this context, the tensile modulus is given by

oRT
M,
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where ¢ is the density of the polymer and M, the
molecular weight of the statistical segment [6].

Taking into account that the statistical segment for
polyethylene is composed of ten methylene units [11,
12], the following physical constants can be adopted
for the calculations concerning homopolyethylenes
and pseudo-eutectic copolymers:

79 = 140°C M, = 140gmol™
AH; = 40kJmol™!

@
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Figure 1 Mechanism of chain folding acording to the Krigbaum
model: (1) nucleation step, (2) growth step (see text for details).
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Figure 2 Tensile modulus of polymers PE-2, PE-4 and PE-5 as a

function of temperature: (O) experimental data, (——) theoretical
curves from Equation 3.

In addition, the density dependence on the crystal
weight-fraction is given by the relation

Lo <Q - Qa) @
0 \8 — &
assuming a perfect two-phase model with the values
0, = 0.855gcm*and ¢, = 1.00 gcm ~* for the amor-
phous and crystal densities, respectively, in the case of
polyethylene [§].

Henceforth, by computing the crystallinity from
Equation 1 after calculation of the parameter f
according to Equation 2, the theoretical curve for the
tensile modulus as a function of temperature can be
determined from Equation 3, using a successive
adjustment procedure of N for best fitting with the
experimental data. Fig. 2 shows the tensile modulus
data obtained as a function of temperature for the
polymers PE-2, PE-4 and PE-S (Table I), together
with the best fitted theoretical curves. The data con-
cerning the polymers PE-1 and PE-3 are not shown for
the sake of clarity.

The values of the parameter N obtained for the five
samples studied are reported in Table I1. Also given in

Table II are the values of the SAXS long period d
together with the crystal thickness d, determined from
the equation
Q
d, = —uad ()
o
The number of statistical segments N, in a crystalline
stem assumed to be normal to the crystal surface is
given by
d;

Ne = 10(c/2) ©

where ¢ = 0.255nm is the unit cell parameter along
the chain axis for polyethylene. The average number
of crystalline stems 7 interconnected in a regular folding
fashion can be estimated from the ratio

i = oN/N, N

The values of 7 reported in Table IT exhibit a drastic
drop that reveals a strong topological change from a
regular chain-folded macroconformation to a fringed
micellar macroconformation as the crystallinity
decreases from PE-1 to PE-5. In other words, 7 = 16
for PE-1 is relevant to Regime I or II of crystal growth
after Hoffmann [13], both regimes involving few nucle-
ation events compared with the incidence of regular
folding. On the other hand, 7i ~ 1 for PE-5 reveals the
occurrence of a nucleation event after almost every
stage of crystalline stem deposition according to
Regime III of crystal growth [14]. This is in perfect
agreement with our previous interpretation of the
co-unit effect on the molecular topology of ethylene—
1-butene copolymers, i.e. the disturbance of the chain
folding process as a result of co-unit segregation within
the amorphous phase [4].

Schematic representations of three different topo-
logical situations are given in Fig. 3. It is worth men-
tioning that, according to the calculations above, the
n-times regular folding of a chain between two inter-
crystalline tie-molecules does not necessarily imply a
strictly adjacent mode of chain re-entry. It just means
that the folds are tight enough (i.e. close neighbour
re-entry) to avoid intertwinning of loops from opposite
crystalline lamellae. As a matter of fact, two interlocked
loops from neighbouring lamellae are likely to behave
as two tie-chains (see Fig. 3b), even though such a
topological defect should not obligatorily be related to
a nucleation event as postulated in the Krigbaum
model. The predominance of adjacent re-entry folding
which characterizes Regime I of crystal growth can
only be expected for highly linear homopolyethylene,
in the case of dilute-solution crystallization or melt
crystallization at very low undercooling.

TABLE 1I Structural and topological characteristics derived from tensile modulus and SAXS data

Samples Krigbaum’s SAXS Crystal Crystalline Number of
parameter, long period, thickness, stem length, regular folds,
N d (nm) d, (nm) N, i

PE-1 350 29.5 20.5 16 16

PE-2 170 28.0 17.5 14 8

PE-3 110 24.5 14.5 11

PE-4 25 23.0 I1.5 9 1.5

PE-5 10 22.0 8.5 6 1
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3.2. Entanglement density of the overall
macromolecular network
Several authors [7, 15-17] have proposed different
theoretical treatments of the post-yield behaviour of
semi-crystalline polymers, considering separately the
plastic deformation of the crystalline phase and the
stretching of the macromolecular network which
embraces both the crystal and the amorphous phase.
We have paid particular attention to the model of
Mills ez al. [7] which allows a direct determination of
the molecular weight between entanglements, M., the
entanglement points being defined as the physical
chain crosslinks according to Fig. 3. This model
assumes, as a first approximation, that plastic defor-
mation of the crystalline phase is achieved under con-
stant stress so that the post-yield strain-hardening
effect can be roughly described by the stress--strain
equation characteristic of a rubber network [18]:
oRT

o = g * -

€

AN ®)

where o is the true stress and A the draw ratio.
Mills et al. have reported that, in the case of linear
and branched low-density polyethylenes, the variation
curves of the true stress as a function of the Gaussian
parameter (A> — 17!) exhibited a fair linearity which
lends credence to the model. In addition, the values of
the molecular weight between entanglements deduced
from the experimental data were quite realistic.
Starting from their successful experience, we have
applied a similar analysis to our ethylene copolymers.
However, our experiments have been conducted at the
drawing temperature T, = 80°C, i.e. well above the
o, relaxation, in order that the crystals should be
sufficiently ductile. Fig. 4 shows plots of the true stress
as a function of the Gaussian parameter for the samples
PE-1, PE-2 and PE-4. The data for PE-3 and PE-5 are
not shown in order to avoid a confused superposition
of the results at low strains. The curves of Fig. 4 are
fairly linear in a good part or over the full scale of the
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r \f\ (b) fringed micellar macroconfor-
YA V4 r* mation with random re-entry, (c)
intermediate mixed macroconfor-
mation.
Ny
™ (b)

investigated draw ratios. The slopes of the straight
parts of the curves are reported in Table ITI for the five
polymers studied, together with the crystal weight-
fractions of the samples at the drawing temperature

= 80°C estimated from differential scanning
calorimetry (DSC) measurements, and the corre-
sponding densities computed from Equation 4. The
values of M, shown in the last column of Table III
decrease markedly with crystallinity. This behaviour
corroborates our previous conclusion [4] concerning
the adverse influence of the non-crystallizable co-units
on the reeling-in motion of the chains and the conco-
mitant disentanglement during the course of crystal-
lization.
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Figure 4 True stress in the strain-hardening range for polymers (a)

PE-1, (30) PE-2 and (O) PE-4 as a function of the Gaussian par-
ameter.




TABLE 111 Physical data for strain hardening at 80°C

Samples o  ¢* (gem™®) oRT/M,(MPa) M, (gmol™!)
PE-1 0.73  0.958 0.36 7800
PE-2 0.66 0.944 0.89 3100
PE-3 0.62  0.940 1.07 2600
PE-4 046 0.916 1.24 2200
PE-5 032 0.897 1.10 2400

However, a very striking feature of Table III is that
the molecular weight between entanglements levels off
about a value M, ~ 2200 gmol " which is astonish-
ingly close to the average value M, ~ 2000 gmol™'
reported for molten polyethylene [19-21], according
to the determination of the critical molecular weight
from viscosity measurements. This result gives a clear
indication that for a co-unit concentration greater
than about 1% (see Table I), the chain folding process
is so much disturbed that the reeling-in motion of the
chains is quite frozen and the entanglement density
characteristic of the molten state is preserved through-
out the crystallization.

It must be noticed that, except for copolymers PE-5,
the values of M, are lower than the molecular weight
of the chains between the anchoring points calculated
from the values of N. This suggests that most of the
entanglements remaining after crystallization do not
give rise to intercrystalline links, in other words the
entanglements are more likely to be intralamellar
rather than interlamellar (see Figs 3b and c). A reason
for this lies in the fact that two entangled chains
crystallizing on the growth surfaces of two different
crystallites should be more prone to disentangle than
two chains which crystallize close together in the same
lamella. In this connection, most of the entanglements
cannot contribute to the low-strain deformation but
become active in drawing at large strains owing to the
fragmentation of the crystalline lamellae into blocks
which takes place during the necking process.

4. Critical remarks about the models
4.1. The Krigbaum model
The application of Krigbaum’s approach involves a
fitting procedure according to which the molecular
parameter N is successively adjusted to achieve best
agreement between the theoretical temperature-depen-
dent variation of the tensile modulus and the experi-
mental data. The use of the experimentally determined
values of the crystallinity of our samples for the com-
putation of Equation 3 led to unreasonably low values
of N for the copolymers PE-4 and PE-5, namely N was
much smaller than the number N, of statistical seg-
ments in a single crystalline stem estimated from
SAXS according to Equations 5 and 6. Crystallinity
values were therefore calculated from the theoretically
derived Equation 1 which gives much higher values
than the experimental ones, N being the same as for
the calculation of the tensile modulus from Equation
3. For the sake of comparison, Figs 5 and 6 show the
temperature dependence of the experimental and theor-
etically predicted crystal weight fractions, respectively,
for the case of copolymers PE-2, PE-4 and PE-5.
The higher value of the theoretical crystallinity can
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Figure 5 DSC crystallinity data for polymers PE-2, PE-4 and PE-5
as a function of temperature.

in fact be considered as an “equivalent crystallinity”
for the pure series model of phase association which
supports Krighaum’s model, through the assumption
that the deformation is almost entirely borne by the
amorphous phase. As a matter of fact, there is no
doubt that the spherulitic structure of polyethylene
could be regarded as a series model for most of the
deformation modes induced by low strains, owing to
the isotropic treatment of the amorphous phase. Fig.
7 depicts several types of motion of the lamellar ribbons
which should effectively involve an elastically revers-
ible deformation of the intercrystalline amorphous
phase, in a spherulitic structure submitted to a uniaxial
stretch. However, it is perfectly clear from Fig. 7 that
the crystalline ribbons parallel to the tensile direction
undergo an elongation for which a series model is

PE-2

08} PE-4 ,

Crystal weight fraction

L I I i 1 i 1

O 1 1
-40 0 40 80 120
Temperature (°C)

Figure 6 Predicted crystallinity for polymers PE-2, PE-4 and PE-5
as a function of temperature, according to Equation 1 (N is the same
as for the calculations of the storage modulus presented in Fig. 2).
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Figure 7 Schematic representation of local deformation modes in a
spherulitic structure submitted to a uniaxial elastic stretch: (1)
lamellar elongation, (2) transverse lamellar compression, (3) lamellar
separation, (4) lamellar slip, (5) lamellar rotation.

absolutely untenable. Thus, the use of the overesti-
mated theoretical values of the crystallinity for the
calculation of the tensile modulus as a function of
temperature affords a means of taking into account
the small part of parallel character of the spherulitic
structure which is not considered in the Krigbaum
model.

The discussion above applies perfectly to the copoly-

mers investigated in this work owing to the fact that
the crystallization conditions used for the preparation
of the mechanical test pieces give rise to well-defined
spherulitic structures, as revealed on the optical micro-
graphs of Fig. 8. It is yet to be noted that, as the
crystallinity decreases, the superstructure decays gradu-
ally from the large ringed spherulites impinging on
each other to the small coarse-featured spherulites
barely connected to one another,

To finish with, it is well known that semi-crystalline
polymers exhibit a molecular «, relaxation within the
crystal which involves a decay of the elastic modulus
with increasing temperature, independently of the
decrease of crystallinity. The fact that the Krigbaum
model does not take this effect into consideration may
be an explanation for the discrepancies that can be
observed in Fig. 2 between the experimental and
predicted variations of the modulus. Therefore, one
must pay much more attention to the drastic change of
the parameter N as a function of the co-unit concen-
tration in the polymers than to the values of N them-
selves.

4.2. The Haward model

In view of the very small change in the crystallite size
distribution, Mills ez al. [7] have concluded that the
deformation of low-density polyethylene beyond neck-
ing at ambient temperature relies on the extension of
the amorphous regions alone. Consequently, these
authors have considered that the molecular weight
between entanglements deduced from their analysis
refers to the amorphous phase.

We do not share this standpoint since the post-yield
behaviour of polyethylene is basically plastic and can-
not be assigned solely to the deformation of the rubbery
amorphous phase. It has indeed been largely shown
that the crystalline phase does take part in the defor-
mation process at large strains, notably through chain
unfolding [22-24]. Moreover, the prime role of the
macromolecular network embracing both the crystal-
line and amorphous phases has been clearly pointed
out from the shrinkage behaviour of polyethylene
fibres upon heating in the melting-temperature range
(17, 25]. So, although chain entanglements should be
liable to gather in the amorphous phase, the molecular
weight between entanglements determined from the

Figure 8 Optical micrographs of polymers (a) PE-1, (b) PE-3 and (c)
PE-5 between crossed polarizers.
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analysis of the strain-hardening behaviour must be
related to the overall molecular network.

As a corollary to the proposition of Mills et al. [7],
independently of the preceding criticism, the ultimate
draw ratio of any polyethylene could be roughly
predicted from the value of the molecular weight
between entanglement, M., according to the commonly

used relation
Ame = 1 )

derived from the extension limit of a single entangled
chain, in which #, is the number of statistical segments
between entanglements. Remembering that the statis-
tical segment of polyethylene consists of ten methylene
units, one might expect the drawing limits A,,, = 7.5
for PE-1 and 4,,, = 4.0 for PE-5. These values are far
below the maximum draw ratios actually achievable
by hot drawing [4]. In addition, the stress upswing that
should occur as the draw ratio approaches the exten-
sion limit of the network, according to the well-known
behaviour of crosslinked rubbers [18], has not been
observed in our study, as well as in the work reported
by Mills et al. [7]. This apparent contradiction between
the model and the experimental data might arise from
the contribution of some secondary phenomena taking
place concurrently with the extension of the uncross-
linked network at large strains. For instance, slippage
and disentangiement of some strained chains [25-27],
crazing [28, 29] and microfibril sliding [24-30] are
such processes that do not occur in conventional rub-
bers but do take part in the deformation of semi-crys-
talline polymers.

5. Conclusions

In spite of some deficient features, the two models
used in this work provide a valuable means to charac-
terize the topological behaviour of semi-crystalline
polymers and allow us to draw interesting conclusions
about the influence of chain structure irregularities on
the crystallization mechanism of the chains from the
melt.

The present investigation is particularly relevant to
the occurrence of either chain-folded or fringed micellar
macroconformations depending on the concentration
of the 1-butene units in ethylene copolymers. It
provides numerical estimates of the number of consecu-
tive regular folds between two nucleation sites of the
chains, together with the molecular weight between
entanglements of the overall network of the copoly-
mers, both of which support our previous work on the
tensile drawing behaviour of these copolymers.

It is suggested that the rejection of the co-units
within the amorphous phase breaks off the basic
chain-folding mechanism of crystallization of the
methylenic chains. This phenomenon is also likely

to impede the reeling-in of the chains on to the growth
surface of the crystals during the course of crystalliz-
ation, precluding thus the disentanglement of the coils
from the melt.
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